Calculated phase diagrams for the Mg-Al-Zn-Mn system indicate that β-Mn(Al) and Al8Mn5 can primarily crystallize during the solidification of Mn modified AZ31. Both phases may act as potential heterogeneous nucleants for magnesium grains and thus as potential grain refiners in the Mg-Al system. In this investigation three Mg-3Al-1Zn alloys with different Mn content are diecast and hot-rolled at 450°C. The influence of the Mn content on the microstructural evolution and mechanical properties after hot-rolling is studied.
The influence of manganese on the microstructure and mechanical properties of AZ31 gravity die cast alloys 
Introduction
Magnesium wrought alloys have a great potential for applications in lightweight structural parts.
However, their application is still limited due to some undesirable properties: 1) Specific strength and ductility of magnesium alloys are generally inferior to those of common aluminium alloys. 2) Few methods are available for fabricating magnesium products besides casting [1] . In order to overcome these disadvantages, efforts are made to develop wrought magnesium alloys with improved and isotropic mechanical properties. Wrought Mg-3Al-1Zn alloys are of significant interest because they show better strength and increased room-temperature ductility than cast materials due to a more homogeneous microstructure [2] . Furthermore they exhibit a good weldability and a high resistance on corrosion [3] . However, magnesium wrought alloys can only compete against other light weight materials as long as the processing is inexpensive. Therefore, the thermomechanical treatment should preferably start with improved feedstock from cast materials already having small and homogeneous grain sizes. A cast alloy may solidify in a fine grain sized microstructure, if the precipitation of solid particles in the melt or inoculation by extraneous particles is possible. A good example for successful grain refinement is the addition of Zr in non-Al containing Mg alloy [4] . The Mg-Al-Zn system is still a challenge concerning grain refinement. For example, additions of Zr are not suitable due to their immediate reaction with Al in the melt. Thermodynamic modelling indicates however, that with the addition of Mn different kinds of binary Al-Mn phases form during crystallization (compare Fig. 1 ) and therefore become possible candidates for heterogeneous nucleation sites thus leading to grain refinement. The presence of these second-phase particles can further stimulate the recrystallization kinetics during a thermomechanical treatment, supporting the adjustment of a homogeneous fine-grain-sized microstructure. In order to clarify the potential effect of Mn alloying on the grain refinement during recrystallization, the alloys in this study were hot-rolled and characterized with respect to their evolution of microstructure, texture and some basic plastic properties.
Experimental Investigation
The AZ31-based alloys were prepared using pure magnesium (99.95 wt%), pure aluminium (99.95 wt%) and pure zinc (99.8 wt%). Mn was added in form of a master alloy M2 containing Mg with 1.7 wt% Mn. Three different alloys were cast containing 0.28 wt% (I), 0.67 wt% (II) and 0.80 wt% (III) Mn respectively. The AZ31 alloys were melted in a 14-litre steel-made crucible using a resistance furnace. The master alloy M2 and the alloying elements Al and Zn were added to the molten Mg in the crucible at 760°C. Casting was performed under a protective atmosphere of Argon (68.2 l/h) and SF6 (11.7 l/h). The melt was held at 760°C for 60 min to make sure that the alloying elements were completely dissolved. The alloys were cast into a cylindrical steel container of 10 cm in diameter and 41 cm in length. The weight of the cast billets was about 8 kg. The chemical compositions of the alloys were analysed using the ICPMS Agilent 7500 technique and are shown in Tab. 1. For hot-rolling, blocks with a thickness of 6 mm were cut out of each cast ingot with the rolling direction parallel to the cylindrical axis. All blocks were homogenized at 400°C for 20 h and then air-cooled to room temperature. Before hot-rolling, the blocks were reheated to 450°C for 30 min and then rolled on a two-high mill with a roll diameter of 200 mm. No heating of the mill rolls was applied. Rolling was carried out up to a total strain of φ = 1.6 achieved over three runs. Each run was followed by subsequent annealing for 30 min at 400°C. In the first run, the samples were rolled three times to a reduction of φ = 0.6. Between each pass, the specimens were reheated at 450°C for 5 minutes.
In the second run, the samples were rolled four times to a total reduction of φ = 0.6; reheating after each pass was done at 450°C for 3 min. The last run comprised four passes to a total strain of φ = 0.4. The reheating after each pass was carried out at 450°C for 3 min. Tensile samples parallel (RD) and perpendicular (TD) to the rolling direction were machined out of the resulting sheet material (sheet dimensions: ~1,2 mm x 200 mm x 300 mm). Room temperature tensile tests were performed on a Zwick universal testing machine at a constant strain rate of 1·10 . All specimens for optical microscopy were sectioned, cold-mounted, polished and then etched in a solution of picric and acetic acid [5] . Microstructures were observed by optical (LEICA DMLM) and scanning electron microscopy (ZEISS DSM 962) using an accelerating voltage of 20 keV.
The grain sizes of the as-cast condition were measured at the outer surface, in the centre of transverse sections and in between (D/4) using the linear intercept method [6] in accordance with ASTM E 112-96.
The textures of the rolled sheets were measured on a D8 DISCOVER X-ray diffractometer (BRUKER AXS Inc.) using reflection geometry and Cu-Kα radiation. The orientation distribution function (ODF) and complete pole figures were calculated using the harmonic method of Bunge [7] .
Thermodynamic Calculations
A phase diagram section for the alloy series Mg-3.1Al-1Zn + Mn was calculated using the database of Ohno et al. [8] and is presented in Fig. 1 . In addition, metastable extrapolations for liquidus lines of β-Mn and Al8Mn5 as well as the positions of the three alloys investigated in this study are included. As shown in Fig. 1 , in equilibrium state different primary phases are expected to form depending on the Mn content of the alloy: (Mg) for alloys < 0.32 wt% Mn, β-Mn for alloys > 0.53 wt% Mn and Al8Mn5 for alloys in between. β-Mn will transform to Al8Mn5 below ~660°C. The precipitation of (Mg) at 630°C and the solidus line at 550°C are nearly independent of the temperature regarding the alloy compositions investigated in this paper. However, one cannot expect to achieve thermodynamic equilibrium with the cooling rates applied in normal casting conditions. Therefore, kinetic models for faster solidification have to be taken into consideration to obtain additional information on the non-equilibrium states. We chose the Scheil-Model for our solidification-calculations and utilize the same thermodynamic database as applied to calculate the equilibrium phase diagram (Fig. 1 ). In the Scheil-Model it is essentially assumed that no diffusion occurs in solid state, but local equilibrium is achieved at the liquid/solid interface [9] . Furthermore, the phase amounts of the individual phases are of central relevance.
Therefore, the presentation of phase amount vs. temperature has proven to be the best way to illustrate a solidification process. The results for the three experimentally investigated AZ31 alloys are given in Fig. 2a -c. The legend also represents the order of appearance of the solid phases. According to the calculations, solidification of (Mg) is limited to a narrow temperature range for all alloys, and only for alloy I, (Mg) will precipitate as primary phase. Based on the calculations, we can expect a very small amount of β-Mn in alloy II, as most of the added Mn is precipitated in form of Al8Mn5. Alloy III is predicted to primarily precipitate a larger β-Mn amount of about 0.2 at% before nucleating Al8Mn5. It is interesting to note that both alloys II and III will form a very similar amount of Al8Mn5 as second phase, indicating that primarily formed β-Mn is not transformed to Al8Mn5 under our model assumptions. manganese content between 50 wt% and 69 wt% corresponds to Al8Mn5 and a manganese content above 75 wt% to β-Mn. About eight particles of each alloy were analysed in detail. From these results, the rhombohedral shaped particles 2, 4 and 6 in Fig. 6 were determined to be Al8Mn5 with a manganese content from 65 to 66 wt%, whereas the cubic particles 1, 3 and 5 with a manganese content between 77% and 87 wt% were detected to be β-Mn.
Experimental Results

Microstructures after casting
Microstructures of hot-rolled sheets
Hot-rolling of sheets resulted in fine-grained and equiaxed microstructures which are presented in Fig. 7 . Deformation twins were not observed in all examined sheets. Second phase particles of Al-Mn are distributed preferably at grain boundaries, but also found in the interior of the grains.
In addition, the rolling process produces a fragmentation of some second phase particles (Fig.   7d) . By EDS analysis a maximum of 74 wt% Mn was found in the fragmented particles, whereas the unsplit particles contain at least 78 wt% Mn, indicating that preferably Al8Mn5 particles were fragmented. The mean grain sizes of the rolled sheets are presented in Tab. 2. The two lower manganese concentrations exhibit a grain size approximately 10 % larger than the 0.80 wt% Mn AZ31 sheet. But taking into account the relatively large scatter of grain sizes of each alloy, this difference is insignificant. In Fig. 8 , the (0002) (basal) pole figures of the sheets are presented. All alloy modifications show a basal fibre texture which says that most of the grains have their caxis perpendicular to the rolling plane. This texture is commonly observed for multipass rolling with annealing between two passes [10] . The texture for the 0.28 wt% Mn AZ31 exhibits a maximum intensity of 9.15 and is slightly more pronounced than the textures of the higher Mn modified AZ31 sheets, which are almost equal.
Mechanical properties
The mechanical properties of the tested tensile specimens are shown in Tab the ultimate tensile strength is somewhat lower for the 0.28 wt% Mn AZ31 modification (note however that the scattering is rather large in this case). This material also shows the shortest elongation to failure. Summarizing the results of the tensile tests, the rolling direction exhibits higher elongation to failure and lower strength, whereas in transverse direction, the flow strength is distinctly higher at lower values of elongation to failure. The multi-pass rolling process produces small but distinct differences in the mechanical properties in rolling and transverse direction.
Discussion and Conclusions
The Mg-Al-Zn-Mn phase diagram indicates that the alloys containing 0.67 and 0.80 wt% Mn solidify over a different pathway than the alloy containing 0.28 wt% Mn (Fig. 1) : with the addition of 0.28 wt% Mn, (Mg) is the primarily nucleating phase. However, for alloys containing 0.67 and 0.80 wt% Mn, β-Mn is primarily precipitated followed by the formation of Al8Mn5 before nucleating (Mg). Thus grain refinement through inoculation caused by β-Mn and / or Al8Mn5 particles may be possible in these AZ31 alloys. In the present investigation, β-Mn particles as well as Al8Mn5 particles could be identified in all three alloys investigated.Yet under the casting conditions used in this study, they do not have an obvious influence on the mean grain size of the alloys in the solidified state. In other investigations, grain refinement by manganese additions in Mgalloys has been reported [11, 12] . However in Ref. 11, the inoculation resulted from the presence of the metastable hexagonal ε-AlMn phase, which was added to the melt. This phase cannot form in our alloys due to thermodynamic constraints. Precipitates of β-Mn in the final casting state seem to be in conflict with the Mg-rich part of the phase diagram for the MgAl-Zn-Mn system given in Fig. 1 . According to the phase diagram, in alloy I (Mg) and Al8Mn5 could be formed simultaneously as first phases during solidification (the very narrow range of primary (Mg) may be disregarded) whereas in alloys II and III, β-Mn particles should first be precipitated, which will be consumed at ~660°C to form Al8Mn5. Below 400°C Al8Mn5 should transform to Al11Mn4.
As pointed out in chapter 3, one cannot expect to achieve equilibrium in normal casting conditions. Therefore, we have to take models for faster solidification into consideration (Scheilmodel) for a reasonable interpretation of the micrographs. The curves in Fig. 2a-c show the results of a calculation of solidification using the Scheil model. Let us first consider alloy III: based on Fig. 2c , the Scheil model predicts β-Mn-particles as primary phase and Al8Mn5-particles as secondary phase. Consistently, these phases are also observed by microscopic characterization.
Secondly, Fig. 2b shows that alloy II will initially form a very small amount of β-Mn which is followed by Al8Mn5 precipitation. This prediction is also in qualitative agreement with the microstructural observation. Thirdly, for alloy I two scenarios are possible: either the Al8Mn5 precipitates as primary phase due to supercooling of the melt by ~13.5 K, which is indicated in Fig. 1 with the dashed line extension of the Al8Mn5 liquidus line, followed by a huge boost of (Mg)-solidification. Alternatively, Al8Mn5 particles are not primarily precipitated but form during co-solidification of (Mg) and Al8Mn5, which occurs just 4 K below the equilibrium liquidus of 630°C. The latter seems to be more likely, as a supercooling > 10 K is usually not observed under our experimental conditions. However, the observation of β-Mn particles in alloy I by SEM (c.f. chapter 4.1) cannot be explained by the phase diagram and the kinetic calculations presented here. Therefore, we propose that the precipitation of β-Mn may originate from a local imbalance of Mn composition in the melt, or by a high nucleation barrier of Al8Mn5 (see below). Thus the kinetic modelling indicates that at least in alloys II and III inoculant particles of two phases (β-Mn and Al8Mn5) exist in the melt. These particles are possible sites for heterogeneous nucleation of (Mg). Solidification by inoculation with such particles can be accomplished if the cooling rate is high enough for a sufficient nucleation rate of these particles. A necessary condition for a high nucleation rate is a low kinetic barrier, which in this case means low interfacial energy of β-Mnand Al8Mn5-particles in the melt. On the other hand, the cooling rate should be low enough to allow a suitable growth of the primary particles. Further, in order that these particles act as heterogeneous nucleation sites, the interfacial energy of the primary nucleated particles with respect to the solid magnesium has to be low. Considering the results of the kinetic modelling, the shape of β-Mn particles (Fig. 6) indicates that they are primarily nucleated and grown to a µm-range size. Therefore, nucleation of β-Mn phase is possible under our experimental conditions. Based on the kinetic calculations (Fig. 2) , the molar fraction of β-Mn amounts to about 0.1 at.% and 0.2 at% for alloys II and III respectively. These values should be considered as upper bounds for the molar fraction of heterogeneous nucleation sites. An estimate of volume fraction based on our SEM analysis gives a value of about 0.03 vol% for β-Mn and a particle density of about 10 12 particles/m 3 . As only those particles were counted, whose compositions were clearly determined, this fraction corresponds to a lower limit. Together with the other microscopic investigations, these results indicate reasonable ranges for the volume fraction, the particle density and the particle sizes to achieve potential grain refinement well below the observed 400 µm size. We therefore conclude that the formed β-Mn phase is not very effective as heterogeneous nucleation sites, due to the relatively high interfacial energy with respect to (Mg).
In fact, β-Mn has a rather high atomic mismatch energy against crystalline magnesium compared to other successful inoculants in Mg-Al, when close-packed planes are considered [13] . The evaluation of the grain refinement potential of Al8Mn5 is not that straightforward. First, despite the fact that the kinetic modelling indicates that Al8Mn5 may nucleate primarily, the Scheil model does not consider nucleation barriers for precipitation. However, nucleation barriers for complex intermetallic compounds can be substantial, due to large interfacial energies. This would result in a shift of the formation temperature and, consequently, a much smaller volume fraction of Al8Mn5 precipitated before nucleating the (Mg) than predicted by Fig. 2b and 2c . Depending on the processing conditions, it may even result in a situation where Al8Mn5 is not at all precipitated prior to the formation of (Mg), due to the small temperature difference between the formation of both phases. Secondly, the shape of the Al8Mn5 particles does not unambiguously indicate their formation in the melt. Therefore, as primary precipitation of Al8Mn5 particles cannot be confirmed clearly in our investigation, their general grain refinement potential for Al-containing
Mg alloys remains open. Yet Al8Mn5 particles may occur as primary precipitates in Magnesium alloys with higher Aluminium content. Indications of a grain refinement by Al8Mn5 in such a case have been reported [12] . Nevertheless, with respect to AZ31 alloys, our results indicate that significant grain refinement by Al8Mn5 particles is not observed under our experimental conditions. This can originate from the constraints of Al8Mn5 nucleation mentioned above, but also from a high interfacial energy with respect to (Mg). Structural considerations show that similar to β-Mn, Al8Mn5 also has a rather high atomic mismatch energy against the hcp (Mg) when close-packed planes are considered, thus limiting its effectiveness as a heterogeneous nucleation site [14] . An improvement of grain refinement during recrystallization caused by Mn additions was not found either: an influence on recrystallization from any particles (Al8Mn5 or β-Mn) cannot be stated, as can be seen from the micrographs of the hot-rolled sheets (Fig. 7) . This may be related to the small volume fraction of Al8Mn5 and β-Mn particles. Most of the mechanical properties (yield stress in transverse direction, tensile strength, strain to fracture) after the thermomechanical treatment do not show a distinct dependence on chemical composition.
The anisotropy of yield strengths observed in this work are typical for well annealed AZ31 sheets [10] . However, the small change of the yield stress in the rolling direction and of the plastic anisotropy between alloy II and alloy III remains difficult to understand: it cannot be explained by the difference in texture, which is more significant for alloys I and II (where the anisotropy in strength is equal) than for alloys II and III. Thus this effect must be due to peculiarities of the microstructure, such as the arrangement and density of dislocations or the local correlation of grain orientations. The higher addition of 0.1 wt% Mn may influence the kinetics of recovery or the mobility of grain boundaries resulting in these microstructural effects. A further study of this topic requires more intricate experimental work and is beyond the scope of the present investigation. 
